Solid polymer electrolytes (SPE) have the potential to increase both the energy density and stability of lithium-based batteries, but low Li + conductivity remains a barrier to technological viability. 1, 2 SPEs are designed to maximize Li + diffusivity relative to the anion, while maintaining sufficient salt solubility.
It is thus remarkable that polyethylene oxide (PEO), the most widely used SPE, exhibits Li + diffusivity that is an order of magnitude smaller than that of typical counter-ions, such as TFSI − , at moderate salt concentrations. 3, 4 Here, we show that Lewis-basic polymers like PEO intrinsically favor slow cation and rapid anion diffusion while this relationship can be reversed in Lewis-acidic polymers.
Using molecular dynamics (MD) simulations, Lewis-acidic polyboranes are identified that achieve up to a ten-fold increase in Li + diffusivity and a significant decrease in anion diffusivity, relative to PEO. The results for this new class of Lewis-acidic SPEs illustrate a general principle for increasing Li + diffusivity and transference number with polymer chemistries that exhibit weaker cation and stronger anion coordination.
Throughout this study, we primarily focus on the dilute-ion regime, with additional finite-concentration results presented in the supporting information. Consideration of the dilute-ion regime enables isolation of the ion-polymer interactions that are responsible for the solvation and transport of each ion, 16, 17 while avoiding ion-pairing effects 18, 19 and increases in polymer viscosity 2, 15 that arise at higher ion concentrations. For many polymer-salt combinations, the relative ion-diffusivity in the dilute-ion regime correlates strongly with results obtained at higher concentrations.
17, 20-22
To illustrate the relative Li + and anion diffusivities in a Lewis-basic environment, Fig. 1B presents MD simulations of ion diffusion in PEO in the dilute-ion regime. Results are presented for several anions, including Cl -, triflate, and TFSI; these anions vary in both size and charge delocalization, with larger anions possessing increased charge delocalization and reduced Li-salt lattice energies. 18, 23 Comparison of the cation and anion diffusivities in PEO reveals that the anion diffusivities dramatically exceed that of Li + by eight-to thirty-fold, depending on the anion. For PEO:LiTFSI, the simulated dilute ion concentration diffusivities presented in Fig. 1B show good agreement with NMR-based diffusivity measurements at similar temperatures and at dilute concentrations (7−9 × 10 −8 cm 2 · s −1 for Li + and 4−5 × 10 −7 cm 2 · s −1 for TFSI). about the ion and the strongly peaked distribution of coordination structures (Fig. 2a) . In contrast, each anion is weakly associated with a large number of methlyene units from several PEO segments, and a broad distribution of coordination structures is observed (Fig. 2b ).
These results demonstrate the intrinsic disadvantage that the coordination characteristics of PEO-based polymers represent to increasing Li + diffusivity and T Li .
Additionally, Fig. 2 reveals that the asymmetric coordination of cations and anions in PEO is reversed in the Lewis-acidic polyboranes. Fig. 2a (left column) shows that the charge distributions of Lewis-acidic polymers is essentially inverted with respect to PEO; whereas PEO exhibits large negative charges that are localized on the oxygen and delocalized positive charges on the carbon backbone, the Lewis-acidic polymers exhibit large positive charges that are localized on the boron and delocalized negative charges on the remaining polymer atoms. This inversion of the charge distribution between PEO and the Lewis-acidic polymers is reflected in the weaker coordination of Li + and stronger coordination of the anions in the ion-coordination structures ( Fig. 2a ) and coordination-structure distributions (Fig. 2b ).
Weak coordination of Li + in the Lewis-acidic polymers is indicated by the larger number of polymer atoms coordinated with Li + (Fig. 2a ) and broader distribution of coordination structures ( Fig. 2b) , relative to PEO. In contrast, the anion coordination structures in the Lewis-acidic polymers include fewer polymer atoms and narrower distributions. Analysis of the ion-polymer radial-distribution functions (Fig. S1 ) also demonstrates the same trend.
These results indicate stronger anion coordination and weaker cation coordination in the Lewis-acidic polymers. Fig. 5a shows that in all cases, the Lewis-acidic polymers exhibit improved T Li in comparison to PEO. The two Lewis-acidic polymers with the highest Li + diffusivity, HBCC and CBC, also exhibit the largest improvements in T Li , reflecting that these polymers achieve both increased Li + diffusivity and decreased anion diffusivity. The magnitude of the improvement in T Li also varies depending on the anion, with Cl -showing the largest improvements in all Lewis-acidic polymers.
The increased anion coordination in the Lewis-acidic polymers is also reflected in the relative contribution of the anion solvation to the total salt solvation. Fig. 5b presents the ion-resolved solvation free energies associated with transferring each ion from vacuum into each polymer, revealing that all combinations of Li-salt and Lewis-acidic polymer exhibit total solvation free energies that exceed the lattice energies of the salts. This suggests the capacity of the Lewis-acidic polymers to dissolve the studied salts, although the extent of ionpairing cannot be established solely from dilute-ion simulations and is explored separately in Fig. S3 . The capacity of the Lewis-acidic polymers to dissolve Li-salts is also supported by liquid-electrolyte studies; for instance, LiTriflate is soluble in borane-based Lewis-acidic solvents 27 and both LiF and LiCl exhibit solubility increases of several orders of magnitude in liquid electrolytes when boranes are used as cosolvents. The current work represents a systematic computational study of ion transport in Lewis-acidic polymers and suggests a strategy for developing alternative polymer chemistries for lithium-based electrolytes. Dilute-ion simulations of PEO demonstrate that strong Li + coordination and weak anion coordination manifest in dramatically suppressed Li + transport relative to several common anions (Fig. 1b) . In contrast, in Lewis-acidic polymers, relatively weaker Li + coordination and stronger anion coordination ( Fig. 2 ) result in up to a ten-fold increase in Li + diffusivity (Fig. 3 ) and twenty-fold increase in T Li (Fig. 4a) . The mechanism for the improved performance of the Lewis-acidic polymers is shorter-lived Li + -polymer contacts ( Fig. 3b ) and longer-lived anion polymer contacts ( Fig. 4b) All MD simulations were performed within the LAMMPS software suite. 42 All trajectories employed periodic boundary conditions, particle-particle-particle-mesh (pppm) evalu-ations of long-range interactions beyond a 14Å cut-off, a Nosé-Hoover barostat with 1000 fs relaxation, and a Nosé-Hoover thermostat with 100 fs relaxation (NPT). Equations of motion were evolved using the velocity-Verlet integrator and a two femtosecond timestep for polymers without explicit hydrogen atoms and a one femtosecond timestep for polymers with explicit hydrogen atoms. Intramolecular pairwise interactions for atom pairs connected by fewer than four bonds were excluded during the MD simulations to avoid double counting with dihedral energy terms. Ion diffusion and solvation free energy trajectories were initialized from a common set of four independently equilibrated neat polymer trajectories. Each neat polymer trajectory included a single polymer chain with a mass of approximately 30 kDa that was initialized using a protocol to randomize chain orientation and avoid configurations with significant overlap between atoms. These configurations were initially equilibrated at a temperature of 10 K and a pressure of 50 atm for 50 ps, followed by a 10 ns annealing phase at a temperature of 500 K and a pressure of 1 atm. After annealing, the configurations were simulated for 11 ns at a temperature of 400 K and a pressure of 1 atm to collect production data. The first nanosecond of the production trajectories was used for equilibration and the remaining 10 ns were used to confirm the convergence of the density. The final configurations from the neat polymer trajectories were used as input geometries for the ion diffusion and solvation free energy trajectories.
Ion Diffusion Simulations
For each combination of ion and polymer, sixteen independent ion-diffusion trajectories were performed. These trajectories were initialized from the four pre-equilibrated neat polymer trajectories by randomly inserting a single ion into each configuration (four independent insertions for each pre-equilibrated configuration). Each trajectory included a single ion to avoid correlated ion motions, and the excess charge was neutralized with a uniformly distributed background charge. The initial geometry was relaxed by performing 1 ps of NVE dynamics with atom displacements limited to 0.01Å for each timestep, followed by 1 ns of NPT dynamics at a temperature of 400 K and pressure of 1 atm. After relaxation, an additional 300 ns of NPT dynamics were performed to collect production data. A total of 4.8 µs of ion diffusion dynamics were collected for each ion in each polymer (16 independent trajectories, each 300 ns long).
Diffusivities can be calculated from the long-timescale trajectories using the Einstein equation
where D i is the diffusion coefficient for ion, i, and the term in brackets is the MSD evaluated at time t. Because many of the systems studied still exhibit sub-diffusive behavior even at long times, apparent diffusivities are reported by approximating the derivative in Eq. (1) by finite difference using the MSD at t = 150 and t = 0 ns. 17, 18 The Li + transference number,
Contact durations were calculated by defining a characteristic function, h ij (t), that reports on contacts between pairs of atoms
where i and j denote atomic indices, and r T is a pair-specific threshold distance, which is chosen based on the size of the first coordination shell for the corresponding atom types.
Specifically, r T = r max + 2σ, where r max is the radial separation at the first maximum of the corresponding ion-polymer radial-distribution function (see Supporting Information), and σ is the standard deviation obtained by fitting the full width at half maximum of the peak to a Gaussian function. The time autocorrelation function, h ij (0)h ij (t) , was calculated for each contact type by averaging the trajectories with respect to time. Standard errors were calculated by separately averaging the results from the sixteen independent trajectories.
Solvation Free-Energy Calculations
Thermodynamic integration was used to calculate the ion-specific solvation free energies in each polymer. 43 For each combination of ion and polymer, sixteen independent ioninsertion trajectories were used. Scaled potentials were used to gradually introduce the ionpolymer potential energy terms, and convergence was facilitated by introducing the polymerion Lennard-Jones interactions before introducing the polymer-ion electrostatic interactions.
A scaled potential was used to first introduce the polymer-ion Lennard-Jones interactions
where λ 1 is the scaling parameter, U P is the potential of the pure polymer, and U P+X LJ is the potential of the pure polymer plus ion-polymer Lennard-Jones interactions. Standard λ-dependent soft-core Lennard-Jones potentials, as implemented in LAMMPS with n = 1 and α LJ = 0.5, were used for all ion-polymer interactions to smooth the potential energy function. 44 When λ 1 = 0, the ion and polymer are non-interacting, and when λ 1 = 1, the ion-polymer Lennard-Jones terms fully contribute to the potential energy. A second scaled potential was used to subsequently introduce the polymer-ion electrostatic interactions
where U P+X LJ +X C is the potential of the polymer plus all polymer-ion interactions. The potential in Eq. (4) was implemented by using λ-scaled charges on the ion. When λ 2 = 0, the ion and polymer interact only through the Lennard-Jones potential, and when λ 2 = 1, both the ion-polymer electrostatic and Lennard-Jones terms fully contribute to the potential energy. The total solvation free-energy was obtained by
The brackets in Eq. (5) indicate an ensemble average, and the approximation has been made that the P ∆V contribution to the free energy change can be safely neglected. The integrals in Eq. (5) were evaluated numerically using the trapezoidal rule, with λ 1 and λ 2 incremented in steps of 0.1 (twenty-one steps total, eleven for the Lennard-Jones phase and eleven for the electrostatics, less one redundant step connecting the two phases). The system was allowed to equilibrate for 100 ps at each λ-step, then an additional 100 ps of dynamics were used for calculating the necessary derivatives. The derivatives in Eq. (5) were calculated by finite-difference. At endpoints, forward or backward finite-difference was used, at all other points the central difference was used with a λ-step of 0.01 to evaluate the derivative. In the case of TFSI − , an additional free energy contribution associated with removing the intramolecular electrostatics must be computed. Free-energy perturbation was used to evaluate this contribution from a ten ns MD trajectory of a single TFSI − molecule in vacuum. The reported ∆G TI values were calculated as the average over all ion-insertion trajectories, with errors in the mean estimated by bootstrap resampling (5 million samples).
45
It is common for borane centers to undergo changes in bonding hybridization and associated structural rearrangements upon anion complexation. 46 Since these effects are not captured by the force-field used in this work, it is anticipated that the MD thermodynamic integration calculations significantly underestimate the anion solvation free energies in the Lewis-acidic polymers. Using ab initio geometry optimizations and energy calculations, we thus include a free-energy-perturbation correction to the solvation free energy (for both the Lewis-acidic polymers and PEO) associated with local structural relaxation during anion complexation,
where
accounts for the free-energy change in the anion-polymer system upon relaxation, and
accounts for the corresponding effect in the neat polymer. The angle brackets in Eqs. (7) and (8) correspond to ensemble averaging over the MD configurations, and the configurationspecific relaxation energies ∆U rel,anion and ∆U rel,neat are obtained from quantum chemistry calculations at the PBE-D3/def2-SVP level of theory, as described below.
The ∆U rel,anion terms in Eq. (7) were calculated by performing constrained geometry The ∆U rel,neat terms in Eq. (8) were similarly calculated by performing constrained geometry optimizations of snapshots obtained from neat-polymer MD trajectories. The procedures for sampling and optimizing the neat polymer snapshots were identical to the solvation geometries, except that the neat polymer snapshots included all polymer atoms within r outer = 7.5Å of the center of the simulation box; this larger value of r outer was used in the neat-polymer calculations to account for the reduced density of binding atoms in the neat-polymer snapshots relative to the anion-containing snapshots. During the geometry relaxation, only the N poly binding atoms closest to the center of the simulation box and the polymer atoms within two bonds of those binding atoms were allowed to relax, where N poly is defined above; this ensures that the same average number of binding atoms are relaxing in calculating both ∆U rel,anion and ∆U rel,neat . The neat relaxation energy, ∆U rel,neat , is obtained from the single-point energy difference for the system before and after the constrained geometry optimization.
The final expression used to evaluate the solvation free energy for an anion was 
Salt Lattice Energies
The salt lattice energies for LiCl and LiTriflate presented in Fig. 5b were taken from reference 16. No experimental reference exists for LiTFSI, so the lattice energy was estimated using a modified Kapustinki approach 47 developed by Jenkins and a volume of 136.1Å 3 for TFSI calculated based on the DFT optimized structure at the B3LYP-D3/def2-TZVP level. 
